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Abstract

The films made of isotactic polypropylene were strained up to 0.8 of their ultimate strain and subjected to isometric stress relaxation during
5 days. The strain—stress curves were measured at various stages of the sample treatment and the tangent moduli (E,) of unstrained, as-
strained and relaxed films were determined. The changes of values of E; were put in comparison with the structural evolution of strained
samples observed using the infrared and low-frequency Raman spectroscopic techniques. It was concluded that the three-dimensional
intercrystallite bridges composed of straight-chain segments of lengths L, < L < 2L (L. is the average thickness of crystallites) destruct as a
result of chain-breaking process, but due to the chain-straightening events in isometrically relaxing samples, the intercrystallite space
transforms to the rigid amorphous phase composed of ‘individual’ one-dimensional molecular stems.

© 2003 Elsevier Ltd. All rights reserved.
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1. Introduction

The mechanical properties of semicrystalline polymers
are determined by a set of their morphological character-
istics related to the natural heterogeneity of these materials.
In order to establish the main mechanical-structural
correlations, that is to distinguish the structural features
that govern the elastoplastic response of a given semicrys-
talline polymer, and vice versa, to trace the structural
changes induced by the strain/stress effects, number of
studies has been performed during the last decade. As
regards the isotactic polypropylene (i-PP) [1], a great part of
works has been devoted to unoriented [2—4], or weakly
oriented polypropylenes (such as compression-mould [5—-7]
and injected-mould [8,9] materials). This preference is
partially caused by remarkable mechanical properties of
low-oriented i-PP (high stiffness and tensile stress) while the
oriented i-PP goes behind oriented polyethylene (PE) which
is widely extended in the form of drawn fibers and films. At
the same time, the morphology of highly oriented i-PP is
close to that of PE [7] what allows one to use common
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models of the structure-mechanics interconnection devel-
oped for semicrystalline polymers [10,11]. However, one
can expect that very low value of the Young’s modulus of
pliable helical macromolecules (~ 40 GPa [12] against
~370 GPa in PE [13]) in combination with the initial
structural complexity of i-PP (to mention cross-hatching
[14] and great difference in the mechanical response of
spherulites belonging to different crystallographic forms
[4]) would introduce some specific features in mechanical
behavior of oriented i-PP samples.

In order to elucidate some specific properties of highly
oriented 1-PP, in this work we studied in situ the structural
response (i.e. chain-breakage and chain-straightening) in
drawn films subjected to loading with subsequent stress
relaxation.

In general, the stress-induced bond ruptures, on the one
hand, and the chain straightening, on the other hand take
place predominantly in the ‘non-crystalline’ (intercrystallite
and interfibrillar) regions and, from the viewpoint of their
effect on the mechanical properties of a sample, should be
regarded as competitive. Chain straightening leads to
formation of more rigid molecular structure with corre-
sponding increase of the tangent modulus, while the bond
ruptures reduce the connectivity of the molecular network
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with decreasing both the tangent modulus and strength of
the polymer.

The straight chain segments (SCS) in i-PP manifest
themselves in the low-frequency Raman spectrum by the
band of longitudinal acoustic modes (LAM) localized in
helical macromolecules [15]. The observed changes in the
SCS length distribution were put in comparison with the
changes of the tangent modulus.

The data on the bond-breaking process in strained
samples were obtained from the IR spectroscopic
measurements.

2. Experimental
2.1. Samples and mechanical tests

The samples were commercial i-PP films 63-68 pm
thick with draw ratio (A) equal to 15. Molecular weight
(My,) of the polymer was 2 X 10> a.u. In order to obtain the
structural response from the samples with different thermal
prehistory, a reference film was treated in the thermostat at
130 °C during 3 h. A shrinkage ratio after this annealing
procedure was about 6%. All the instrumental experiments
were carried out at the room temperature.

The mechanical tests were performed on a universal
Instron 1122 Tensile Tester. The strain rate was 50 mm/s.

2.2. IR spectroscopy

The IR experiments were carried out on a Perkin—Elmer
Fourier spectrometer Model ‘Spectrum One’ in a trans-
mission mode. The changes in broken bond concentration in
stressed films were estimated from the intensities of the
selective IR bands at 1640 and 1742 cm ™', belonging to the
chemical groups —CH=CH, and —CH,-CH=O0, respect-
ively [4]. These groups are secondary products of polymer
decomposition; they emerge after decay of primary short-
life radicals formed on the ends of broken macromolecules
of i-PP. The number of chain breaks is proportional to the
Lambert—Beer coefficient, «, of corresponded bands: a =
log(1/1y)/d, where I and I, are the intensities of the incident
IR radiation and transmitted through the sample of thickness
d.

2.3. Low-frequency Raman spectroscopy

In semi-crystalline polymers, the longitudinal acoustic
vibrations propagate along regular molecular segments like
along the elastic rods. The chain vibrations of this kind are
called LAM. Owing to their efficient interaction with light,
these modes produce specific bands in the low-frequency
Raman spectra. It should be stressed that the linearity of the
chain is a necessary condition of the propagation of LAM
since there appear to be transverse oscillations in chain-
breaking points. Local redistribution of the vibrational

energy in favor of gaining the transverse acoustic modes in
the locations of ‘defect points’ leads to the effective
attenuation of the longitudinal mode.

The LAM frequency (w;) varies inversely with straight
chain length (L). In the course of the polymer processing,
treatment and utilizing, some effects of the structural
transformation, including the decomposition of macromol-
ecules, might take place. A rupture of straight chain or a
trans-to-gauche transition in it (that is a formation of two
shorter straight pieces of the same molecule) cause the
appearance of two LAM localized in these adjacent pieces.
The ratio between frequencies (wy, w;,) of modified modes
will be equal to the inverse length ratio (L2/L1) of newly
formed SCS:

le/sz = L2/L1 (l)

Generally, the length of regular sequence between chain-
ends and/or defects (gauche-conformers, points of branch-
ing) is related with the LAM frequency as [16]:

L= (Qcw)” " X (Elp)"? 2)

where c is the speed of light; p is the density, and E is the
Young’s modulus. The frequency of the LAM band
maximum allows one to calculate with the help of Eq. (2)
the most probable length of the straight segments; as a rule,
this is close to the average crystal size in the chain direction.

As far as each SCS of a given length has its specific LAM
frequency, the whole LAM band profile reflects the
contribution of SCS of different lengths to the Raman
intensity, or, in other words, the average-number SCS length
distribution. However, owing to the dependence of the
distribution function F(L) not only on the number of
oscillating SCS but also on the scattering efficiency of light
and the population of vibrational energy levels, the original
Raman spectrum is poor representative for aims of
quantitative estimations, and F(L) must be computed
using a procedure based on the relation:

F(L) o< [1 — exp(—hcwlkT)] o I(w) (3)

Here, h is Plank’s constant, k is Boltzmann’s constant, and 7
is the absolute temperature; the expression [l —
exp(—hcw/kT)] characterizes the Boltzmann population of
vibrational energy levels; I(w) is the Raman intensity
corrected for the Rayleigh scattering. To perform this
correction, a background of the LAM spectrum in the
vicinity of the central line must be approximated with an
appropriate analytical function. In this work the central line
was fitted to the Lorentzian which is well applicable for this
procedure in the case of oriented polymers. The difference
between the experimental spectrum and the approximating
Lorentzian was taken as the effective intensity /(w) in Eq.
(3). A graphical illustration of this Raman data processing
one can find in Ref. [17].

The value of the distribution function F(L) calculated at a
given L is proportional to the amount of the SCS with the
length equal to L.
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Using the LAM technique, one can detect the SCS both
in crystallites and amorphous regions including the inter-
fibrillar space, since the light scattering events of this kind
are of one-dimensional character and not related to any
three-dimensional structural units.

The LAM spectra excited with a 50 mW He—Ne laser
were measured on a Raman spectrometer Spex Model 1401
equipped with a third monochromator.

The samples were placed into the laser beam in front of
the collection optics of the spectrometer and axially
deformed to produce a strain & equal to 15%, that is
approximately 0.8 of their ultimate strain (Fig. 1). Then the
samples remained with their ends fixed, and the Raman
spectra were periodically recorded until any spectral
changes due to the stress relaxation were detectable.

The spectra were recorded in 90° geometry using XX
light polarization, and with the film axis collinear to X
direction. The measurements were carried out in the spectral
range 6—30 cm ™~ ' where the light scattering on longitudinal
acoustic vibrations propagating along helical molecules
yields a highly polarized band.

The acquisition time of the Raman measurement was
15 min.

3. Results

3.1. Broken bonds

The IR transmission spectra recorded prior to and after
the stress application are shown in Fig. 2 in the range of
absorption of chain-breakage products. Very low absolute
intensity of the bands at 1640 and 1742 cm ™' is due to
extrinsic character of the groups C=CH, and CH,-CH=0
which are absent in the repeating unit of i-PP macromol-
ecules. However, one can see the increase of the intensities
of the bands in as-strained samples. The calculated
increments of the Lambert—Beer coefficient for both
bands indicated are given in Table 1.
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Fig. 1. A scheme of excitation of the Raman spectrum from the strained
polymer film.
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Fig. 2. IR transmission spectra in the range of the the bands at 1640 and
1742 em™ ! recorded prior to and after the straining the original sample. The
strain values are shown near the spectra. To better indicate the difference
between spectra, those of strained sample are shifted down the vertical axis.

3.2. SCS length distribution

Fig. 3 shows the low-frequency Raman spectra of the
film recorded before straining and on subsequent stages of
the stress relaxation. The computed from them functions
F(L), that is the SCS lengths distributions, are given in Fig.
4.

The spectra of heat-treated samples and corresponded
functions F(L) are shown in Figs. 5 and 6, respectively. To
make more informative the changes in the SCS length
distribution occurred as a result of strain and stress
relaxation, the profiles (L) were convoluted into a set of
three Lorentz components corresponding to three dis-
tinguishable features in the distribution function of the
both samples. In unstrained, unheated sample the SCS
length distribution is, in fact, bimodal with the peak
positions at L = 70 A and L =115 A. After straining the
sample, the amplitude of the 115 A peak decreases
dramatically but then its integral value gradually grows

Table 1
The increment of the Lambert—Beer coefficient (Aa) of the IR bands at
1742 and 1655 cm™ ! in strained i-PP films

Polymer Treatment Aa (cm™h)
1742 cm™! 1655 cm™!

i-PP Unstrained (¢ = 0) 0 0

e=5% 5+1 19 £2

e =10% 7*1 302

e =20% 172 39 =2
i-PP, annealed Unstrained (e = 0) 29 +2 9+1

e=20% 48 £2 10+ 1
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Fig. 3. Low-frequency Raman spectra in the frequency range of LAM
bands. Original sample.

again during subsequent strain exposition. This latter
increase is accompanied by the broadening of the peak
and its shift to lower lengths. The position of the main broad
peak remains unchanged during the entire period of stress
relaxation. In addition, a third weak-amplitude peak at
~50 A appears after loading the sample.

Although the evolution of the distribution function
during the stress relaxation in the annealed sample is
lower expressive than that in the original sample, the
main trends are the same. It is seen from the comparison
of Figs. 4 and 6 that the behavior of each analytical
component in the annealed sample is similar to the
behavior of its counterpart in the original sample.
Moreover, the final SCS length distributions in both
relaxed samples are quite similar. Consequently, the
annealing under the given conditions disturbs the
ensemble of the SCS situated in non-folded chains but
does not affect general trends in the SCS rearrangement
during stress relaxation.

The annealing leads to the transformation of the

(a)

Unstrained

F(L), arbitrary units

40 60 80 100 120
SCS length, L, nm

Fig. 4. The calculated SCS length distributions. Original sample.

bimodal SCS length distribution observed in unheated,
unstrained sample to an asymmetric profile. The
convolution procedure helps to separate three peaks
situated at ~ 100, 70, and 50 A (in stressed sample). One
can see that the maximum of the distribution function in
the annealed sample coincides with the position of the
broader feature in the F(L) profile of the original sample.
Since the applied temperature regime of annealing
(130 °C) could not cause the recrystallization in highly
oriented i-PP, the broad peaks at 70 A in both samples
we attribute to the SCS in folded molecules.

As regards the narrow L= 115 A peak in the original
sample as well as the broad L = 100 A component in the
annealed sample, one should conclude that these features
originate from a fraction of unstable ‘non-crystalline’ SCS
highly sensitive both to the strain relaxation and heat
treatment.

It is also worthy to notify the presence of well-
pronounced small-amplitude features at L = 50 A in both
stressed/relaxed samples. Their amplitudes increase with
the relaxation time. Taking into account the above given IR
data which evidence the bond-breakage in strained films, we
assign the peak at ~50 A to of the ‘debris’ of the longer
SCS broken during the stress relaxation. The permanent
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Fig. 5. Low-frequency Raman spectra in the frequency range of LAM
bands. Annealed sample.

chain-straightening process in the amorphous regions of
strained samples also could contribute to this peak.

3.3. Mechanical tests

The strain—stress (o versus &) curves are shown in
Fig. 7(a). Fig. 7(b) presents the E, versus & dependencies
calculated from the o versus € curves (here E; = do(e)/de is
the tangent modulus [18]). The values of tangent modulus
decrease at constant-rate straining of both the original and
annealed samples.

The samples were strained up to € = 15% and then
left for relaxation for 15, 60 min and 5 days. On the end
of each of these time periods, the straining procedure
was recontinued after the Raman measurements, and the
tangent moduli were measured. In Fig. 8, one of these
stress—strain curves is depicted with explaining the
experimental schedule of stepwise relaxation.

The values of the tangent moduli measured at various

(a)
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40 80 120
SCS length, L, nm

Fig. 6. The calculated SCS length distributions. Annealed sample.
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Fig. 7. Tensile stress (a) and tangent modulus (b) versus strain for the
original and annealed samples.
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Fig. 8. An example of the stress—strain curve obtained with an interruption
of straining at € = 15% for relaxation during 15 min. Original sample.

stages of the samples’ history (curves not presented) are
collected in Table 2.

4. Discussion

The most intriguing result of the low-frequency Raman
study is connected with the prominent feature at 115-100 A
in the SCS length distributions. Its small width in the
original sample, on the one hand, and its strong response to
the heat and mechanical treatment, on the other hand,
evidence the presence of a particular fraction of the SCS
whose average length exceeds the thickness of crystal cores
(L¢)- This peak cannot be ascribed to the taut-tie molecules
(TTM) linking neighboring crystallites. Really, the length of
the TTM is a sum of lengths of, at least, two crystallites and
an amorphous layer situated between them. Under supposi-
tion that the peak at L =70 A in all samples belongs to
folded molecules of length equal to L., the TTM must be
longer than 2L, =2 X 70 = 140 A. One can see that the
lengths of the longest detected SCS (Figs. 4 and 6) are
smaller than the suggested TTM length.

Table 2
Tangent modulus at various stages of sample treatment

Sample, i-PP  Treatment Tangent modulus: E,, E|

(GPa)
Original Unstrained® E =40=%=0.1
Strained, ¢ = 15%
As-strained E, =250%x0.10
Stress relaxation during 15 min  E; = 5.80 * 0.15
Stress relaxation during 1 h E; =6.00 = 0.15
Stress relaxation during 5 days  E; = 6.50 * 0.15
Annealed Unstrained® E, =2.70*0.10

Strained, € = 15%

As-strained E, =1.80=*0.10
Stress relaxation during 15 min  E; = 4.80 = 0.10
Stress relaxation during 1 h E; =520=*=0.15
Stress relaxation during 5 days  E; = 5.50 * 0.15

 Initial tangent modulus was measured under condition & — 0. For
explanation of denotations see Fig. 8.

To facilitate the interpretation of the spectroscopic
results, it is instructive to establish a correlation between
the changes in the SCS length distribution function and
the rigidity under the same conditions. Such approach is
justified by the great significance of the chain-straighten-
ing process in formation of the mechanical properties of
semicrystalline polymers [19].

First of all, the transformation of narrow L = 115 A peak
to broad shoulder at ~100 A as a result of annealing is
accompanied by the decrease of the tangent modulus from
4.0 to 2.7 GPa. The decrease of the elastic modulus in
injected mould i-PP after annealing conducted under similar

Intercrystallite "bridges"
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Fig. 9. Transformation of the intercrystallite structure in the oriented i-PP
film at various stages of material processing.
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conditions was also reported by Drozdov and Christiansen
[9]. This effect can be explained by coiling of a part of
particular fraction of longest SCS during the heat treatment
(Fig. 9(a) and (b)); this is supported by the significant value
of measured shrinkage ratio (6%); the thermal destruction
(bond-breakage) also enable to give its contribution to this
effect. The decay of the longest SCS reduces the fibril
stiffness with decreasing the value of E;.

A dramatic decrease of the L=115-100 A peak
intensity in a short time after loading coincides with a
drop of the tangent modulus from 4.0 to 2.5 GPa and from
2.7 to 1.8 GPa in original and annealed samples, respect-
ively. Simultaneously, a feature at ~50 A (belonging, as
suggested, to short-length SCS resulting from ruptures of
longer straight chain) becomes well-pronounced in the SCS
length distributions. We conclude again that the decrease of
the fraction of the SCS related to the L = 115-100 A peak
reduces the structure rigidity.

During the isometric stress relaxation, the amplitude of
this peak gradually increases with a drift of its position in
direction of smaller lengths. Simultaneously, the amplitude
of the peak at ~50 A grows. In terms of the structure
modification, the chain-straightening process is
accompanied with multiple chain-breaking events. From
the persisting growth of the tangent moduli during all the
period of the stress relaxation (Table 2) one can deduce the
prevailing role of the ordering process even if it is affected
by limited polymer decomposition.

In many works appeared from seventies up to now, Ward
and co-workers [16,19,20—23] promoted their postulate that
the Young’s modulus of semicrystalline polymers is
uniquely related to the draw ratio, irrespective of their
initial morphology. They put forward a bridge model [21]
implying the existence of ‘long crystals’ linking crystallites
in highly oriented samples. In terms of the molecular
structure, the intercrystallite bridges are composed of the
regularly arranged SCS passing from one folded crystal to
another through an amorphous region. In accordance with
the conjecture of Ward and co-workers [21], the growing
population of the TTM provides the increase of the
structural rigidity with the increase of the draw ratio. A
previous LAM study of highly oriented gel-derived PE
fibers [24] evidenced the presence of TTM passing through
2-4 subsequent crystallites.

However, we failed to detect TTM in our highly oriented
i-PP samples.

The behavior of the peak situated at L. <L <2L,
becomes comprehensive if one admits that the ‘crystalline
bridges’ between folded crystallites contain a noticeable
amount of defects (Fig. 9(a)). Local ruptures or newly
appeared conformer insertions in the SCS passing through
amorphous layers reduce the average length of the bridging
SCS to L <2L. but isolated defects do not affect
significantly the stiffness of fibrils. The annealing stimulates
the chain-coiling and thermal destruction processes which
introduce additional defects in ‘long’ helical molecules that

contribute to the L, < L < 2L, peak (Fig. 9(b)). This leads
to broadening of the SCS length distribution in the ‘bridges’.

The mechanical destruction in the stressed sample acts in
a similar manner but in spite of the coiling events, the
degradation of ‘bridges’ is resulted from the bond breakage
(Fig. 9(c) and (d)). At the same time, the stress relaxation (in
contrast to the thermal relaxation) is accompanied by the
straightening of individual chain-segments throughout the
amorphous regions. The intercrystallite space transforms to
the partially ordered structure composed of various-lengths
SCS with coiled insertions (Fig. 9(e) and (f)). In contrast to
stressed PE whose linear macromolecules slide readily
through crystallites with formation of TTM [24], the force-
induced uniaxial arrangement of helical chains in i-PP is
accompanied with multiple chain ruptures preventing the
formation of the defect-free intercrystallite ‘bridges’.
Individual defect ‘bridges’ existed in unstrained polymer
degrade more and more, and gradually become ‘dissolved’
in so formed ‘rigid amorphous phase’ [9,24]. The increased
values of tangent modulus in relaxed samples indicate the
prevailing significance of the total amount of the SCS in the
formation of the mechanical properties in comparison with
the supramolecular elements of rigidity such as ‘bridges’ or
‘bundles’. However, in the context of the bridge model [21],
one can regard these modified intercrystallite space as a kind
of bulk bridging structure.

5. Conclusion

The intercrystallite bridging structures in the oriented i-
PP are formed by ordered SCS whose average length falls in
the range L, < L < 2L.. The chain-breakage in stressed
samples causes the reduction of the average length of the
SCS involved in these quasi-crystalline entities with
corresponded decrease of the tangent modulus.

The annealing of the oriented sample leads to decay of
the ordered ‘bridges’ due to chain-coiling events throughout
the intercrystallite regions but a significant amount of one-
dimension L > L. stems remains in fibrils. The heating-
induced decomposition of the bridges also affects the
tangent modulus.

During the isometric stress relaxation in strained
samples, the growing fraction of ‘individual’ SCS compen-
sates the loss of three-dimensional bridging structures. The
intercrystallite space transforms to the rigid amorphous
phase composed of one-dimensional molecular stems with a
wide length distribution. This quasi-ordered structure gains
the rigidity of fibrils in relaxed samples as efficiently as the
TTM or intercrystallite ‘bridges’ in as-drawn films or fibers.
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